Nanostructure and mechanical properties studied during dynamical straining of microfibrillar reinforced HDPE/PA blends by Denchev, Z. et al.
submitted April 6, 2009
Nanostructure and Mechanical Properties Studied During
Dynamical Straining of Microfibrillar Reinforced HDPE/PA
Blends
ZLATAN DENCHEV1, NADYA DENCHEVA1, SÉRGIO S. FUNARI2, MLADEN MOTOVILIN1,
TOM SCHUBERT2, NORBERT STRIBECK3∗
1Dept. of Polymer Engineering, University of Minho, Guimarães 4800-058, Portugal
2HASYLAB at DESY, 22603 Hamburg, Germany
3Inst. TMC, Dept. of Chemistry, University of Hamburg, 20146 Hamburg, Germany
ABSTRACT: Oriented polymer blends based on high-density polyethylene (HDPE) are strained until failure. Two-
dimensional (2D) small-angle X-ray scattering patterns monitor the nanostructure evolution. Data evaluation methods
for high-precision determination of macroscopic mechanical and nanoscopic structure parameters are presented. The
hardest materials exhibit a very inhomogeneous nanodomain structure. During straining their domains appear to be
wedged together and inhibit transverse contraction on the nanometer scale. Further components are polyamides (PA6,
PA12) (20–30%) and as compatibilizer Yparex® 8102 (YP) (0–10%). Some HDPE/PA6 blends are additionally loaded
with nanoclays (Nanomer® or Cloisite®). Blending of HDPE with PA12 causes no synergistic effect. In the absence
of nanoclay, PA6 and HDPE form a heterogeneous nanostructure with high Young’s modulus. After addition of YP a
more homogeneous scaffold structure is observed in which some of the PA6 microfibrils and HDPE crystallites appear
to be rigidly connected, but the modulus has decreased. Both kinds of nanoclay induce a transition from a structure
without transverse correlation among the microfibrils into a macrolattice with 3D correlations among HDPE domains
from neighboring microfibrils. For extensions between 0.7% and 3.5% the scattering entities with 3D correlation exhibit
transverse elongation instead of transverse contraction. The process is interpreted as overcoming a correlation barrier
executed by the crystallites in an evasion-upon-approaching mechanism. During continued straining the 3D correlation
is reduced or removed.
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INTRODUCTION
In polymer engineering, materials with uniaxial orientation
are frequently manufactured. These are not only fibers, but
also extruded strands and pipes. Based on co-extrudates
from various polymers and nanoparticles, great efforts are
made to produce materials with tailored properties. A spe-
cial class of such materials are the microfibrillar-reinforced
composites (MFC).1–6 In them, both matrix and reinforce-
ments are obtained in-situ, by transformation of blends
of thermoplastic polymers into micro- or nanostructured
materials using appropriate mechanical and thermal treat-
ments. The preparation of MFCs comprises three basic
steps. First, melt-blending is performed of two or more im-
miscible polymers. In the polymer blend so formed, the mi-
nor phase should always originate from the higher melting
material and the major one from the lower melting compo-
nent. Second, the polymer blend is drawn at temperatures
slightly above the glass transition of both blend compo-
nents leading to their orientation (i.e. fibrillation). Finally,
selective liquefaction of the lower melting component is in-
duced. This causes a nearly complete loss of orientation of
the major phase, and the isotropic matrix of the compos-
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ite is created. During this isotropization the temperature is
kept below the melting temperature Tm2 of the higher melt-
ing and already fibrillated component. Thus, the oriented
crystalline structure of the reinforcing fibrils is preserved,
and the MFC is formed. Controlling the polymer blend
composition and the conditions at each processing step, the
diameter of these fibrils, their length and alignment, as well
as their adhesion to the matrix can be modified. In such
a way, different composites can be produced from similar
polymer blends with tensile and flexural properties adjusted
to the specific use.
Because the mechanical properties are closely related to
failure or fatigue mechanisms on the nanometer scale, mon-
itoring of nanostructure evolution during tensile tests or fa-
tigue experiments is of fundamental relevance. The mech-
anisms revealed in such studies should help to improve the
significance of modeling by advancing the predominantly
homogeneous models7 which are commonly used to pre-
dict the properties of polymer materials. Moreover, bet-
ter understanding of nanostructure evolution mechanisms
may immediately gain practical relevance by directing the
search for tailored materials.
Static nanostructure can be observed by electron-
microscopic methods. Nevertheless, such studies may be
impossible for some highly oriented polymer materials, if
the sample cannot be adequately fractured or cut. This is
the case for the materials presented here. On the other hand,
scattering methods do not require special sample prepa-
ration. Moreover, they can provide time-resolved data.
In particular the small-angle X-ray scattering (SAXS) can
be used to study the nanostructure evolution, although the
available instrumentation is enforcing a compromise. Ei-
ther low-noise patterns are recorded with low time resolu-
tion, or noisy patterns with good time-resolution are ob-
tained. For advanced methods of SAXS analysis we need
high-quality two-dimensional (2D) scattering data, and this
requirement limits our time resolution to presently 30 s.
Moreover, compared with studies8 of elastic materials that
break at 200% elongation (ε) or more, the investigation of
thermoplastic materials that break at 10% elongation re-
quires a much higher resolution in ε to resolve structure
evolution. Thus, the presently achievable strain rate ε˙ for
thermoplastic materials is by 3 orders of magnitude lower
than the typical industrial strain rates. To our knowledge,
the first paper on polymer deformation based on low-noise
patterns with an exposure of 15 s and a cycle time of 30 s
has been published by Chen et al.9 In this and similar
studies a stream of high-precision scattering patterns is ob-
tained. The stream can be considered quasi-continuous, if
the variation of nanostructure from pattern to frame is small
enough. In this case a survey of the mechanisms of struc-
ture evolution is becoming possible.
In the present work we study various MFC precursors,
i.e., oriented blends before isotropization. As we are aim-
ing at the investigation of materials that fail early at 10%
elongation, even the required determination accuracy of
structure parameters becomes a challenge as compared to
studies of elastomers. Moreover, because many scatter-
ing patterns must be evaluated, automated data analysis is
desirable. Corresponding methods are presented both for
the high-precision determination of the macroscopic sam-
ple elongation, and for the determination of subtle varia-
tions of nanostructure parameters.
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Figure 1: Elongation from recorded video frames. Inset a:
In the first video frame a region of interest (ROI) with fidu-
cial marks is defined. Inset b: From the ROI the 2D correla-
tion function γ2 (x,y) is computed. Main drawing: The cen-
ter of the long-period peak in γ1 (x) = γ2 (x,0) is fitted by a
parabola (dashed line) to compute the distance between the
fiducial marks
METHODS
A correlation method to determine the macro-
scopic elongation from sample photos
In order to determine the true macroscopic elongation εm a
sample with fiducial marks (see Fig. 1a) is monitored by a
video camera. Fiducial marks have been affixed to the sam-
ple by a rubber stamp. In this study the elongation steps are
so small that it is insufficient to measure the mark distances
on the screen. Here we propose a method by which the true
macroscopic elongation can be determined automatically
and with high precision, if the sample is kept straight and
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the contrast among the fiducial marks is sufficient. Figure 1
demonstrates the method. During the deformation experi-
ment single frames are grabbed from the video stream and
stored as photos. A suitable clock rate is two frames per
cycle time of the X-ray detector. Only once the user has to
provide some input. It is based on the first image (Fig. 1a).
The pseudo-color representation provides good visual con-
trast. The center of the X-ray beam on the sample is marked
by a cross in the image. Close to this center the user defines
a rectangular region of interest (ROI), ρ ′m (x,y). In Fig. 1a
this region is bordered by a dashed line. x and y are pixel
coordinates in the direction of strain and perpendicular to it,
respectively. The same ROI is applied to all video frames
of an experiment. The ROI is structured by the fiducial
marks running perpendicular to the straining direction. As
is known from scattering theory,10 the 2D correlation func-
tion
γ2 (x,y) =
ρ2m (x,y)
ρ2m (0,0)
of a function ρm (x,y) can be computed, with
ρm (x,y) = ρ ′m (x,y)− ρ¯m
representing the fluctuation of ρ ′m (x,y) about its average
ρ¯m, and the autocorrelation being defined by the integral
f 2 (x,y) =
¨
∞
−∞
f (u,v) f (u+ x,v+ y) dudv.
In Fig. 1b the colored caps demonstrate, where γ2 (x,y) is
positive. Because bar-shaped marks have been affixed to
the sample, only the macroscopic elongation εm in strain-
ing direction can be extracted from the section γ1 (x) =
γ2 (x,y)1 (x) of γ2 in straining direction. Figure 1 presents
this curve and its analysis. Conforming to the nomenclature
of the scattering theory, the first positive peak is the long-
period peak that is related to the actual average distance
of the fiducial marks, . Using the 7 data points around
the peak maximum, a parabola (dashed line) is fitted, and
the position of its vertex is determined (arrow). Thus, in
our experiments  is determined with an accuracy of 0.01
pixels. Let 0 the initial distance between the marks, then
the macroscopic elongation is ε = /0 − 1. The high ac-
curacy reached is demonstrated in Fig. 2 by an ε (t)-curve
recorded in a load-cycling experiment of one of the MFC
samples. The estimated error is below 0.001. Neverthe-
less, it increases considerably if the contrast of the bar se-
quence is low (insufficient illumination) or if the sample is
not straight in the beginning. The determination error may
also increase after necking has occurred and the sample has
begun to slide through the ROI. Finally, it appears worth to
mention that in Fig. 2 the minima and the maxima of the
ε (t) curve had to be approximated, because of a synchro-
nization error between the video capture routine and the
cross-bar movement of the tensile tester.
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Figure 2: Accuracy of the correlation method is demon-
strated by the macroscopic elongation ε (t) determined in a
load-cycling experiment
Automated 2D peak analysis in scattering pat-
terns
Nanostructure parameters can be extracted either from the
measured 2D SAXS patterns I (s12,s3) in reciprocal space,
or in real space from the CDF z(r12,r3) (cf. subsection
“Data evaluation” in the Experimental Section). Because
narrow peaks of the CDF directly reflect the probability dis-
tributions of domain distances, complex multidimensional
modeling can be avoided if it is assumed that peak super-
position can be neglected. Thus, to a first approximation
nanostructure parameters can be determined directly from
peak positions and shapes. In analogy to the correlation
method of Section Methods the determination error can be
reduced significantly by fitting the peak, and this means
that even small variations of nanostructure parameters can
be tracked.
For example, if the long-period peak of the matrix ma-
terial in the CDF is analyzed, then its position on the merid-
ian (r3) is the long period L that measures the distance in
straining direction between neighboring crystallites. Let
L(t) the long period at time t, and L0 = L(0) the long pe-
riod at the beginning of a deformation experiment, then a
nanoscopic elongation
εnano (t) =
L(t)
L(0)
−1 (1)
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can be defined. Similarly, if a peak is considered that mea-
sures the distance between domains in equatorial (r12) di-
rection, the nanoscopic transverse elongation ε12,nano can
be determined.
In analogy to the correlation method, a ROI must be de-
fined by the user. Inside this ROI the algorithm searches for
the peak. However, now the 2D peak must be fitted to a 2D
function. Like in the correlation method, a set of measured
data points is fed to a regression algorithm. Instead of the
7 highest points of a 1D peak, now all those points in a cap
are used, for which the intensity is above a user-defined
level. The 1D quadratic polynomial from the correlation
method is replaced by a 2D (bivariate) polynomial of 2nd
degree. An n-th degree bivariate polynomial
f
(
x′,y′
)
=
n
∑
i, j=0
C′i j
(
x′
)i (y′) j
in the image coordinates x′ and y′ is defined by its coeffi-
cient matrix C′. Let the center of gravity of the fitted poly-
nomial be
(
x′g,y′g
)
, then central coordinates are defined by
x = x′ − x′g and y = y′ − y′g. The fitting of 2D data by a bi-
variate polynomial is a standard method.11 In the program-
ming environment PV-WAVE®12 we utilize for this purpose
the library module POLYWARP.PRO and link it into our
routine sf_peakfit.pro (free source code available13).
sf_peakfit returns the peak center and the 3× 3 coef-
ficient matrix C in the central coordinate system. We as-
sume that the profile of the peak in the principal directions
x and y can be approximated by Gaussians. Peak widths of
Gaussians are characterized by their standard deviations σ ,
which are readily expressed in terms of the coefficients of
C
σx =
√
C0,0
2C2,0
, σy =
√
C0,0
2C0,2
(2)
from the series expansion of the Gaussians (routines:
sf_anapeaks.pro, sf_anapeakso.pro). Here σx
and σy measure the extension of the peak in x- and y-
direction, respectively. We only use the principal-axis ele-
ments of C for the description of the peak shape. The infor-
mation on the convexity of the peak that is in the other ele-
ments is not yet exploited. Typical concavity is reflected in
a banana-shape bending of the peak (cf. Fig. 3b). Figure 4
demonstrates the fit of the long-period peak from Fig. 3b by
a bivariate quadratic polynomial. In order to assure numer-
ical stability of the regression module on digital computers,
the maximum intensity in the measured peak data has been
normalized to 1.
−CDF −CDF 19 min0 min
a b
Figure 3: Demonstration of peak-shape change from con-
vex (a) to concave (b) in a straining experiment of a
HDPE/PA6 blend without compatibilizer (logarithmic in-
tensity scale)
r12r3
Figure 4: Demonstration of bivariate polynomial fitting
(linear intensity scale). The measured surface (visualized
as glass material) is the concave peak from Fig. 3b. The
metal-material surface is the fitted polynomial. Its compu-
tation considers all points in a cap (in black) that are above
95% of the peak maximum
Let the y-direction be the meridian, and let us consider
the analysis of long-period peaks from CDFs, then σy (t)
measures the evolution of the width of the long-period dis-
tribution inside the sample volume irradiated by the X-ray
beam. In analogy to the introduced nanostructure parame-
ter let
DL (t) =
σy (t)
σy (0)
−1 (3)
be the deviation of the long-period variation from the initial
long-period variation. For example, if DL (t) = 0.05, then
the variation of long periods at time t is by 5% bigger than
before the deformation.
In the studied materials the CDF long-period peak is
constrained in equatorial direction by intensity ridges re-
lated to the diameter distribution of microfibrils. Thus, the
lateral extension of the peak is a measure of the average
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diameter of the microfibrils. Then
DM (t) =
σx (t)
σx (0)
−1
is the deviation from the initial microfibril diameter. For
example, if DM (t) =−0.1, then some average diameter of
the microfibrils at time t is by 10% smaller than before the
deformation. In a scattering study the scattering entities
that cause microfibrillar scattering are not only the reinforc-
ing fibrils (polyamide domains, cf. Fig. 11). Additionally,
the diameters (i.e. transverse chords) of the HDPE entities
contribute to the average σx and to DM . Admittedly, their
contribution is only high if the HDPE entities are thin mi-
crofibrils, as well.
EXPERIMENTAL
Materials. The studied materials are blends made from
high-density polyethylene (HDPE) and a polyamide – ei-
ther polyamide 6 (PA6) or polyamide 12 (PA12). Addition-
ally, some samples contain the commercial compatibilizer
Yparex® 8102 (YP). Moreover, some HDPE/PA6-blends
have been loaded with one of two commercial montmo-
rillonite (MMT) nanoclays. These nanoclays are Cloisite®
20A (by Southern Clay Products, USA) and Nanomer® (by
Nanocor, USA), respectively. The nanoclays are delivered
in PA6 masterbatches containing up to 20% MMT.
The blend component HDPE is produced by Bore-
alis Inc. [PE VS4531®; density: 0.94 g/cm3; melt
flow index: 0.6 g / 10 min (2.16 kg, 190°C); melting
point by DSC: 133°C]. The PA6 is made by Lanxess Inc.
[Durethan® B30 S; density: 1.14 g/cm3; melt volume flow-
rate: 110 cm3 / 10 min (260°C, 5 kg, ISO 1133); melting
point by DSC: 220°C]. The PA12 is produced by EMS-
GRIVORY Inc. [Grilamid® L25; density: 1.01 g/cm3;
melting point by DSC: 178°C; Mw = 60 kg/mol; Mn =
31 kg/mol]. Yparex® 8102 is made by DSM Inc. It is a
copolymer of HDPE and maleic anhydride. Its melt flow
index is 2.3 g / 10 min (2.16 kg, 190°C); melting point by
DSC: 125°C; Mw = 120 kg/mol; Mn = 15 kg/mol.
The investigated materials are highly oriented (fibril-
lated) polymer blends used as precursors for MFC prepa-
ration. The materials without nanoclay have been prepared
as follows. Quantities of granulate in the proportions as
indicated in Table 1 have been pre-mixed. Each mixture
has been melt-blended in a laboratory twin-screw extruder.
While the resulting extrudate has been cooled to 12°C, the
first haul-off unit of the extruder line has applied a slight
drawing to stabilize the strand cross-section. Further draw-
ing has been performed in the second haul-off unit, after the
strand has been heated shortly in a water bath of 97–98°C.
A third haul-off unit has applied the last drawing causing
the diameters to decrease from 2 mm (at the extruder die)
to ca. 0.6–0.9 mm at the end of the extruder line. More de-
tails on the extruder line and the processing conditions can
be found elsewhere.14
The materials with nanoclay (cf. Table 2) have been
prepared in the same extruder line. PA6 masterbatches have
been diluted with neat PA6 to 5.0 and 7.5 wt-% MMT,
respectively, by extrusion blending. Let us call this pro-
cedure “pre-blending”. After granulation, the pre-blended
PA6 nanocomposites have been mixed with HDPE and YP
and drawn as indicated to obtain blends with 20 wt-% of
PA6, the latter containing the specified amounts of MMT.
In the case of Cloisite, additional oriented samples were
prepared by direct blending of weighed amounts of HDPE,
PA6/MMT masterbatch, neat PA6 and YP. These materials
are labeled “npb” (not pre-blended). It has been expected
that in the pre-blended Cloisite samples the MMT filler will
be concentrated in the PA6 phase only, whereas in the npb-
materials some nanoclay diffusion has been expected also
into the HDPE phase.
Table 1: Composition (in wt-%) of oriented blends without
nanoclay
HDPE PA6 PA12 YP
65 30 5
70 20 10
80 20 0
65 30 5
70 20 10
80 20 0
Table 2: Composition of oriented blends containing nano-
clay
wt-% wt-% clay in PA6 pre-blended
HDPE PA6 YP Nanomer Cloisite extra PA6
80 20 7.5 yes
77.5 20 2.5 7.5 yes
80 20 5 yes
80 20 5 no
77.5 20 2.5 5 yes
77.5 20 2.5 5 no
Straining environment. Tensile testing in the X-ray
beam is performed using a self-made extensometer, which
has been built by one of us (T.S.). The machine performs
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symmetric drawing. Signals from load cell and transducer
are recorded during the experiment. The sample is moni-
tored by a TV-camera, and video frames are grabbed and
stored together with the experimental data. The machine
is operated at a cross-bar speed of 0.4 mm/min. The ini-
tial length of the sample between the cross bars is approx-
imately 30 mm. Measurement of the macroscopic elonga-
tion ε is computed by the high-sensitivity method that has
been described in Section Methods. In the tests the strain
rate ε˙ is close to 1.5×10−4s−1.
SAXS environment. SAXS is performed at the syn-
chrotron beamline A2 at HASYLAB, Hamburg, Germany.
The wavelength of the X-ray beam is 0.15 nm, and the
sample-detector distance is 3042 mm. Scattering pat-
terns are collected by a two-dimensional position sensitive
marccd 165 detector (marresearch Ltd., Norderstedt, Ger-
many) operated in 1024 × 1024 pixel mode (pixel size:
158.2× 158.2 μm2). During the deformation experiments
scattering patterns are recorded every 30 s with an exposure
of 25 s.
Data evaluation. The analysis starts from the scattering
pattern and turns it into a representation of the nanostruc-
ture in real space. The only assumption is presence of
a multiphase topology. The result is a multidimensional
chord distribution function (CDF), z(r).15 The method is
exemplified in a textbook (Stribeck,10 Sect. 8.5.5). For a
schematic sketch of the steps of data analysis and the ex-
traction of structural parameters from the CDF see for ex-
ample Fig. 2 in Stribeck et al.16 The method is extracting
the topological information on nanostructure (e.g. a two-
phase topology, ρ (r) ∈
[
ρcryst,ρamorph
]
, of phases with dis-
tinct densities) from 2D SAXS patterns with uniaxial sym-
metry. The resulting CDF is an “edge-enhanced autocor-
relation function”17–20 – the autocorrelation of the gradi-
ent field, ∇ρ (r). Thus, as a function of ghost displace-
ment r, the multidimensional CDF z(r) shows peaks wher-
ever there are domain surface contacts between domains in
ρ (r) and in its displaced ghost. The CDF with fiber sym-
metry in real space, z(r12,r3), is computed from the fiber-
symmetric SAXS pattern, I (s12,s3), of multi-phase materi-
als.15 s = (s12,s3) is the scattering vector with its modulus
defined by |s| = s = (2/λ )sinθ . Here λ is the wavelength
of radiation, and 2θ is the scattering angle. In the histor-
ical context the CDF is an extension of Ruland’s interface
distribution function (IDF)21 to the multidimensional case
or, in a different view, the Laplacian of Vonk’s multidimen-
sional correlation function.22
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Figure 5: Macroscopic stress-strain curves of
HDPE/polyamide blends with and without compatibi-
lizer Yparex® 8102
RESULTS AND DISCUSSION
Mechanical properties
The deformation experiments in the synchrotron beam have
been carried out dynamically and not in stretch-hold tech-
nique.23,24 Therefore the actual stress-strain curves can be
computed from the recorded data. High-precision determi-
nation of the macroscopic elongation εm is accomplished
by application of the correlation method presented in Sec-
tion Methods. The reduction of the fiber diameter during
the test is considered assuming constant volume.
HDPE/PA blends. Figure 5 presents the macroscopic
stress-strain curves of the materials without nanoclays. At
elongations of technical relevance (ε > 0.01) the slopes of
the curves (Young’s modules) differ considerably. For the
blends containing PA12 (Fig. 5a) high polyamide content
(bold dashed line) results in an increased modulus. The lin-
ear shape until failure demonstrates ideal Hooke’s behavior.
Increase of the compatibilizer content (thin dashed line) re-
duces the modulus at ε ≈ 0.04 considerably. Compared
with the uncompatibilized material (thin solid line) the ma-
terial exhibits a more rubber-like behavior. The blends
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reinforced by PA6 show a completely different behavior
(Fig. 5b). In general, the stress-strain curves are linear in a
broad interval of strain. Here increase of the PA6 fraction
to 30 wt-% (bold dashed curve) reduces the modulus con-
siderably. The addition of compatibilizer causes moderate
reduction of the modulus (thin dashed curve).
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Figure 6: Macroscopic stress-strain curves of HDPE/PA6
blends containing nanoclay (Nanomer, Cloisite). The label
“YP” indicates added compatibilizer, “npb” indicates ma-
terials for which the extra PA6 has not been pre-blended
with the PA6/Cloisite masterbatch
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Figure 7: MFC precursor blends from HDPE, two differ-
ent polyamides (PA12, PA6) and a compatibilizer (YP)
in straining experiments. Evolution of nanostructure vi-
sualized in 2D scattering data on logarithmic intensity
scales. SAXS patterns: I (s12,s3) in the region -0.1 nm−1 ≤
s12,s3 ≤0.1 nm−1. CDF patterns: |z(r12,r3)| in -75 nm≤
r12,r3 ≤75 nm
HDPE/PA6/nanoclay blends. Figure 6 presents the
macroscopic stress-strain curves of the HDPE/PA6 blends
containing nanoclays. Only the dash-dot-dotted curve
shows considerable increase of the modulus. This mate-
rial contains compatibilizer, but has not undergone the pre-
blending step (cf. Experimental Section). A moderate in-
crease of the modulus is exhibited (thin solid curve) by
the material without YP that contains Cloisite. Here the
Cloisite masterbatch and neat PA6 have been pre-blended
to 5 wt-% clay content in the PA6 component.
Nanostructure evolution: Scattering patterns
HDPE/PA blends. Figure 7 presents scattering data of
the studied 6 materials from two different states of the de-
formation experiment. In each of the 6 blocks the left
side shows the initial state and the right side the state af-
ter 10 min of straining. This state is reached by all samples
without rupture. Comparison shows that the changes are
moderate. Thus, a quantitative nanostructure analysis re-
quires a method that permits to determine small variations
with sufficient accuracy.
The upper row of each block presents a central detail of
the measured SAXS patterns in a logarithmic intensity scal-
ing and pseudo-color. All diagrams exhibit both an equa-
torial streak and a long-period peak. Peaks exhibiting the
linearly elongated shape of Fig. 7a-e are called layer lines
and are typical for a highly oriented microfibrillar system.
Thus, even the scattering entities of the HDPE show mi-
crofibrillar character. Less pronounced is the orientation of
the HDPE microfibrils in the SAXS patterns of the material
which contains 30% PA6 and 5% YP (Fig. 7f). The pictures
in the lower row of each block visualize the nanostructure
in CDFs after transformation of the SAXS patterns from re-
ciprocal to real space. Because for all materials all the vis-
ible peaks are concentrated in a narrow vertical band about
the meridian, we consider it allowed to analyze all mate-
rials by the model of a highly oriented microfibrillar sys-
tem. SAXS monitoring of the melting of these materials
have shown14 that the dominating long-period peak is van-
ishing at the melting point of polyethylene. Only after this
has happened, the weaker scattering of the semicrystalline
polyamide entities becomes visible. Thus, our experiments
only probe the semicrystalline structure of the polyethylene
and the outer contour of the polyamide microfibrils as far as
it contributes to the equatorial streak of the SAXS pattern.
In the SAXS patterns the distribution functions of the
crystalline and the amorphous domains are mapped on
subtle variations of the scattering intensity. On the other
hand, these functions are the building blocks of the CDFs,
where they are clearly visible unless they overlap too badly.
Therefore, differences among the nanostructures of the dif-
ferent materials are much more clearly revealed in the CDF
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than in the SAXS intensity. In Fig. 7 the presentation of
the CDFs is special, because the absolute value |z(r12,r3)|
is shown. This presentation ensures that both the positive
peaks (domain peaks) and the negative peaks (long-period
peaks) are visible at the same time. Because the CDFs show
mirror symmetry with respect to the equator plane r12, it is
sufficient to discuss only the peaks that show up above the
equator.
The first peak above the equator describes the dis-
tributions hc (r) and ha (r) of the crystalline and of the
amorphous domains in the HDPE. The individual distri-
butions cannot be discriminated visually, because they are
broad and overlap. The next peak is the long-period peak
hL (r) = hca (r). The 3rd peak describes an arrangement
composed from 3 stacked domains (hcac (r) or haca (r)).
The 4th peak that can be discriminated visually is the sec-
ond long-period peak made from an arrangement of 4 do-
mains (h2L (r) = hcaca (r)). The third long-period peak is
already outside the presented region, but still clearly visi-
ble. Thus, in all materials at least 3 crystalline domains are
correlated.
Comparing the CDFs of the different materials, the
biggest differences are observed with the hcac (r) peaks. In
the materials without compatibilizer (Fig. 7a,d) these peaks
are rather narrow in meridional direction. This means that
the height of the corresponding sandwich of domains is the
most precisely defined distance between domain surfaces
in the stack. Such a special nanostructure is not considered
in common models of nanodomain arrangement. It may
be explained25,26 by directed thickness-growth in coupled
twins of nanodomains during crystallization. This excep-
tional precision of the sandwich height is almost canceled
in the material that contains 10 wt-% YP (Fig. 7b). With the
HDPE/PA6 blend the corresponding addition of compati-
bilizer does not show an effect on the arrangement of the
nanodomains (Fig. 7e). On the other hand, here the com-
patibilizer is considerably increasing the total intensities of
the meridional peaks. In the chosen CDF presentation this
leads to the impression as if the intensity ridges parallel to
the meridian would disappear. In fact, the apparent effect
is simply caused from the adaption of the scaling factor.
All the peak maxima of the semicrystalline structure are
on the meridian. This means that the crystalline domains in
the HDPE microfibrils are only correlated to each other in
meridional direction. There is no correlation in transverse
direction among neighboring microfibrils. Thus, the ma-
terials without nanoclays do not form a multidimensional
macrolattice.27,28
+Nanomer
+Cloisite
+Nanomer
2.5% YP
+Cloisite
2.5% YP
ba
c d
e f
2.5% YP
+Cloisite npb +Cloisite npb
10 min0 min
SAXS
|CDF|
Figure 8: MFC precursor blends from HDPE, PA6, two
different nanoclays (Nanomer and Cloisite) and a com-
patibilizer (YP) in straining experiments. Two different
ways of adding Cloisite. Evolution of nanostructure vi-
sualized in 2D scattering data on logarithmic intensity
scales. SAXS patterns: I (s12,s3) in the region -0.1 nm−1 ≤
s12,s3 ≤0.1 nm−1. CDF patterns: |z(r12,r3)| in -75 nm≤
r12,r3 ≤75 nm
HDPE/PA6/nanoclay blends. Figure 8 presents the scat-
tering data of the 6 studied materials that contain nano-
clays. All the CDFs of the unstrained samples are fun-
damentally different from those of the materials without
Journal of Polymer Science: Part B: Polymer Physics
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clay. Although the long-period peaks are still centered on
the meridian, here the inseparable domain peaks hc + ha,
haca + hcac, hcacac + hacaca are split into two peaks left and
right of the meridian. The 1D microfibrillar nanostructure
appears to be replaced by a short-range correlated macro-
lattice, in which the domains are arranged in a 3D pattern.
Figure 9 presents simplified sketches of the two different
nanostructures.
Comparing the CDFs of the unstrained materials in
Fig. 8 with the CDFs in the strained state, different states of
conversion into a 1D microfibrillar structure are observed.
Thus, straining causes loss of lateral correlation between
the microfibrils, and the nanostructure is converted from
the 3D macrolattice (Fig. 9b) towards the simple arrange-
ment sketched in Fig. 9a. This means that the structure is
following the common conversion mechanism into uncor-
related microfibrils.29
The strongest transverse correlation among the mi-
crofibrils is shown by the material that contains only pre-
blended Nanomer (Fig. 8a). For this material nanostruc-
ture conversion during straining is hardly detected by com-
parison of the CDFs. Nevertheless, it is found by quan-
titative analysis. Addition of compatibilizer (Fig. 8b) de-
creases the transverse correlation among crystallites. The
same effect is as well observed with the Cloisite (Fig. 8c-d),
if the masterbatch and the additional PA6 are pre-blended.
On the other hand, if the masterbatch, the additional PA6
and the HDPE are blended simultaneously (Fig. 8e-f), the
material containing 2.5 wt-% compatibilizer (Fig. 8f) ex-
hibits the most pronounced 3D macrolattice. Subjected to
strain, the nanostructure conversion of materials contain-
ing Cloisite is proceeding faster than with the materials that
contain Nanomer. During straining complete conversion is
observed in the test with the normally blended material that
contains compatibilizer (Fig. 8d).
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Figure 9: Models of the scattering ensembles made
from crystalline domains derived from the positions of
CDF peaks. a) HDPE/PA blends without nanoclay.
b) HDPE/PA/nanoclay blends
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Figure 10: MFC precursor blends from HDPE, two different polyamides (PA12, PA6) and a compatibilizer (YP) in tensile
tests. Evolution of macroscopical stress and strain (σ , ε) as well as of nanostructure parameters. εnano is the nanoscopic
elongation computed from the HDPE long period. DL is the relative change of the width of the long period distribution.
DM is the relative change of the extension of the microfibrils in transverse direction
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Nanostructure evolution: Quantitative analy-
sis
HDPE/PA blends. Figure 10 presents the results of a
quantitative nanostructure analysis for the blends which do
not contain nanoclays. All materials fail by necking close
to a clamp. As soon as necking starts, the stress σ declines
and the sample begins to move through the X-ray beam. In
the diagrams the start of this failure process is indicated by
an inclined arrow. If the visibility of the sequence of fidu-
cial marks is changing along the sample, the determination
of the macroscopic elongation εm (bold dashed lines) be-
comes less accurate as soon as the sample translation starts.
The relatively noisy curve of Fig. 10b is the result of poor
contrast in the video. Elongations are illustrated by dashed
lines. Bold lines show the macroscopic elongation, ε . Thin
lines report the nanoscopic elongation εnano of the HDPE
matrix. Circular marks indicate regions in which ε ≈ εnano.
All materials reinforced by PA12 exhibit this similarity of
macroscopic and nanoscopic deformation. Dashed-dotted
lines show DL, the relative variation of the breadth of the
long-period distribution. The increase of all curves demon-
strates increasing inhomogeneity of the long periods with
increasing elongation. Dotted lines show DM, the relative
variation of the microfibrillar diameter during the strain-
ing process. In all materials the elongational deformation
causes the microfibrils to thin. Variation of the material
composition does not cause considerable changes.
This is different with the samples reinforced by PA6
(Fig. 10d-f). Here an increase of the PA6 content to 30%
causes strong thinning of the microfibrils. In the PA6
blends the strong transverse decrease is going along with
only moderate nanoscopic elongation εnano of the HDPE.
An explanation for this finding could be microfibrillation
by fracture of crystalline domains of the polyethylene.
Moreover, the diagrams in Fig. 10d-f demonstrate a consid-
erable difference (vertical arrows) between the two dashed
curves. In Fig. 10e-f (εnano < ε) the nanoscopic elonga-
tion of the HDPE phase is considerably lower than the
macroscopic elongation. Similarity is only observed dur-
ing the initial deformation in Fig. 10f (circular mark). In
the 80/20 HDPE/PA6 blend (Fig. 10d) the nanoscopic elon-
gation of the HDPE microfibrils is considerably longer than
the macroscopic elongation (εnano > ε). Although this find-
ing appears to be unreasonable, an indication for a possible
mechanism is in the strong increase of DL (Fig. 10d). This
will be discussed in the Section “Nanostructure and me-
chanical properties”.
For the compatibilized HDPE/PA blends the lagging
(εnano < ε) observed with the PA6 blends indicates that
the PA6 microfibrils are bonding with the HDPE relatively
well, whereas the YP in the blends containing PA12 does
not stabilize the HDPE nanostructure. Thus, the deforma-
tion mechanisms must be different for blends containing
different polyamides. This observation with the compatibi-
lized blends is in agreement with the chemistry of the re-
action of YP and PA explained by van Duin, Aussems and
Borggreve.30 During the melt mixing, the maleic anhydride
from YP reacts with nitrogen atoms from the amide group
forming an imide chemical bond across the PA–HDPE in-
terface. In the PA6 repeat unit there is one N-atom per
5 CH2 groups, while in PA12 we have one N per 11 CH2
groups. This makes the probability of a YP–N reaction sig-
nificantly less probable in the compatibilized HDPE/PA12
blends. Two mechanisms that can describe the different
evolution of the scattering data are presented in Fig. 11.
Striated bars in vertical orientation illustrate the microfib-
rils made from polyamide. Their intrinsic semicrystalline
nanostructure has little scattering effect because of low X-
ray contrast and can be neglected. Black bars depict the
crystalline domains of the HDPE. Let the gaps be predom-
inantly filled by amorphous HDPE. Dashed curves outline
the shapes of the scattering entities that contribute to the
microfibrillar scattering of the material. In the SAXS pat-
tern this scattering is principally reflected in the equatorial
streak.
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Figure 11: Different deformation mechanisms proposed to
explain the scattering during extension of blends contain-
ing different polyamides. Polyamide: striated vertical bars.
HDPE lamellae: black bars. Microfibrillar scattering enti-
ties bordered by dashed lines
In order to describe the HDPE/PA12 blends, a model
is sufficient in which the two components are not con-
nected. The initial state is shown in Fig. 11a. Dur-
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ing straining (Fig. 11b) both the macroscopic sample and
its nanostructure are affinely deformed in similar manner
(εnano (t) ≈ ε (t)). In the experiment εnano (t) is strongly
growing, because the vertical distance between the black
bars is increasing. DM (t) is decreasing moderately, be-
cause the scattering entities are subjected to lateral com-
pression.
For the HDPE/PA6/YP blends the previous model is
too simple. Thus, we propose a scaffold-like structure
(Fig. 11c) that should at least be present in addition to
the unconnected nanostructure of Fig. 11a. In the scaffold
the PA6 entities act as stabilizing struts. As the structure
is elongated (Fig. 11d) the struts prevent an affine exten-
sion of the HDPE domain system (εnano (t) < ε (t)), and
the HDPE lamellae themselves are subjected to high load.
Failure of the HDPE lamellae causes the average diame-
ter (dashed outline, DM (t)) of the microfibrils to decrease
considerably.
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Figure 12: MFC precursor blends from HDPE, PA6, two
different nanoclays (Nanomer and Cloisite), and a compat-
ibilizer (YP) in tensile tests. Two different ways of adding
Cloisite. Evolution of mechanical parameters (σ , ε) and of
nanostructure parameters. εnano is the nanoscopic elonga-
tion computed from the HDPE long period. DL is the rela-
tive change of the width of the long period distribution. DM
is the relative change of the extension of the microfibrils in
transverse direction
HDPE/PA6/nanoclay blends. For the HDPE/PA6 blends
containing nanoclays, Fig. 12 presents the evolution of both
the nanostructure parameters and the mechanical data. In
general, εnano (t) < ε (t) is observed (downward arrows in
the graphs), which is indicative of a mechanically coupled
scaffold structure. One material (Fig. 12c) exhibits affine
behavior of nanoscopic and macroscopic elongation (circu-
lar marks). Another material (Fig. 12f) exhibits strongly in-
creased nanoscopic elongation εnano (t) > ε (t) (upward ar-
row). Compatibilized materials show smoother traces, and
the compatibilizer appears to amplify (Fig. 12a-d) the lag-
ging behind of εnano (t) for the pre-blended materials. This
is in agreement with the result of the HDPE/PA6 blends
without nanoclays, where εnano/ε is highest for the materi-
als containing the highest amount of YP.
With respect to the extracted quantitative structure data,
the strongest effect of nanoclay addition is on the shape of
the long-period peaks in the CDFs. After the start of the
deformation experiment the distances between crystalline
HDPE domains (DL, dashed-dotted lines) grow more uni-
form if nanoclays are present. Only after a macroscopic
elongation of ε ≈ 0.02 or more is reached, broadening of
the long period distribution sets in that is generally typi-
cal for the materials without nanoclays. In an intermediate,
anomalous regime (0.01 ε  0.02) also the average width
of the microfibrils (DM , dotted lines in Fig. 12) shows an
unexpected increase. Such an increase contradicts the com-
mon mechanisms of microfibrillation and transverse com-
pression. Based on the qualitative multidimensional analy-
sis of the CDF (Fig. 8) we propose a mechanism that can
explain the anomalous evolution of the nanostructure pa-
rameters. The model (Fig. 13) is based on the presence of
a 3D macrolattice, because this is the fundamental nanos-
tructural difference between the anomalous and the normal
materials.
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Figure 13: Different deformation mechanism explaining
the scattering during the extension of HDPE/PA6 blends
containing nanoclays. Average domains striated. Gray re-
gions indicating statistical variation of domain sizes
As is generally the case with technical polymers, the
nanostructure shows only short-range correlation among
domains of varying size and shape. Figure 13a sketches an
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idealized initial structure. We know from the visible CDF
peaks that not more than 3 microfibrils with not more than
4 domains each are correlated. Moreover, in the sketch the
variation of domain shape and size is visualized by gray
regions that shall indicate an increased occupation proba-
bility of crystalline domains. As this macrolattice is elon-
gated infinitesimally, normal affine behavior (i.e. trans-
verse compression −ε12,nano upon longitudinal elongation
εnano) appears not to be hindered. Moreover, the observed
increase of lattice homogeneity does not appear to be un-
reasonable and has been found in a previous study.23 Fig-
ure 13b sketches the model situation some time later. The
central microfibril is under somewhat higher strain, and the
correlation towards the neighboring microfibrils is not yet
lost. The approaching crystallites (vertical arrows) force
their neighbors to move away (horizontal arrows). Un-
der such an evasion mechanism, contact between neighbor-
ing crystallites may generate wide microfibrils made from
pseudo crystallites (outlined by dashed lines), and this will
cause increase of the observed average width of the mi-
crofibrils. Moreover, we deduce from the sketch that if this
mechanism should hold, then the average distance between
the crystallites from different microfibrils should increase
(true transverse elongation ε12,nano upon longitudinal elon-
gation εnano). This effect can be measured by monitoring
the distance r12 (hcac,t) of the sandwich-domain peak from
the meridian of the CDF. In Fig. 14 this distance is indi-
cated between horizontal arrows. We have chosen this peak
from the series of domain peaks, because it is clearly sepa-
rated from neighboring peaks. In the diagram the dash-dot-
dotted curve is showing the measured data for the relative
variation
ε12,nano =
r12 (hcac,t)
r12 (hcac,0)
−1.
Here r12 (hcac,t) is the r12-component of the peak center of
the composite peak haca (r12,r3) + hcac (r12,r3) at time t as
determined by the bivariate peak-fitting method described
in Section Methods.
At very low elongation (εnano < 0.007) of the macrolat-
tice in r3-direction ε12,nano becomes negative. Thus, the
macrolattice shows transverse contraction typical for the
common affine deformation mechanism. Above this level
transverse elongation sets in. The maximum is reached at
εnano = 0.030 (cf. Fig. 14 vertical arrow at t =3 min). Si-
multaneously the average width of the individual microfib-
ril (cf. DM (t) in Fig. 14) has increased. This observation is
readily explained by considering that some of the crystal-
lites are now in contact and increase the average diameter
of crystallites. Above εnano = 0.036 (i.e. after 5 min in the
experiment) the curve ε12,nano (t) shows a strong decrease.
Thus the nanostructure formed by the sets of correlated mi-
crofibrils returns to the transverse contraction mechanism.
Obviously, the evasion process has lost dominance, most
probably because it has destroyed the 3D correlation in its
macrolattice. If such an evasion mechanism is active, the
result should be an inhomogeneous tension distribution in-
side the material, because the material around the macrolat-
tice regions must be subjected to some super-contraction in
order to compensate the transverse elongation of the macro-
lattice itself.
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Figure 14: Testing the evasion mechanism of crystallites in
HDPE/PA6 blends containing nanoclays (here: Nanomer,
no compatibilizer). The relative variation of the r12-
component of the position of the hcac (r12,r3)-peak (be-
tween horizontal arrows) monitors the distance between
crystallites from neighboring microfibrils. ε12,nano (t) mon-
itors its relative variation
Admittedly, the average longitudinal elongation εnano
of only 3% will not be sufficient to displace the average
crystalline domain by the total amount of its thickness and
place it side-by-side to its closest neighbor. On the other
hand, the mechanism will become invisible in scattering, if
the probing macrolattice is destroyed by loss of lateral cor-
relation. In summary, we propose a superposition of two
dynamical statistical mechanisms (evasion coupled to cor-
relation destruction) to explain the finding that the maxi-
mum of the addressed transverse elongation is observed at
a rather low longitudinal elongation.
Nevertheless, it may be questioned if we have to inter-
pret the observations by transverse elongation of the macro-
lattice, at all. Explanation by oriented growth of the crys-
talline layers (stress-induced crystallization) could result in
similar shift of the domain peaks, if preferentially the lay-
ers from the two outer microfibrils of the macrolattice en-
tity would grow preferentially away from the central axis
of the entity. We believe that this process is less probable
than transverse elongation, because the required premises
appear to be more restrictive.
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Nanostructure and mechanical properties
Concerning the nanostructural features and mechanisms
that cause a high or a low modulus, some indications can
be extracted from the collected results. The two materials
with the highest modulus exhibit εnano (t) > ε (t). Addi-
tionally, these materials show the strongest increase of DL,
i.e. exceptional inhomogeneity of the domain arrangement
in straining direction. Thus, in the hardest materials there
are both strongly extended and hardly extended scattering
entities. Although, in general, inhomogeneity cannot ex-
plain the low macroscopic elongation, it gives an indica-
tion. Hardly extended nanoscopic regions that are required
to compensate the high value of εnano on the macroscopic
scale may contain uncorrelated domains that do not con-
tribute to the evaluated long-period peak in the CDF. In this
case nanostructure inhomogeneity is an acceptable expla-
nation for hardening of the material, and the correspond-
ing nanostructure can be imagined as a scaffold, in which
domain arrangements from chaotic to regular are present.
In the tensile test the chaotic structure becomes wedged
together in space, whereas the regularly arranged regions
yield.
An analogous relation between structure and properties
has been observed with cold-rolled metals by crystallog-
raphy and mechanical testing, respectively. Where crys-
tallography reports inhomogenization of the crystal lattice
enforced by a distribution of local tensions (strain broad-
ening of crystallographic reflections), on the macroscopic
scale “strain hardening”31–33 is observed. Nevertheless, it
shall not be concealed that the hardening effect is generally
related not to the inhomogeneity, but to a reduced size of
the diffracting entities (Hall-Petch effect34,35).
HDPE/PA blends. With the materials containing no nan-
oclays, reduction of Young’s modulus (Fig. 5) is clearly
related to the decrease of the HDPE microfibril diameter,
DM (Fig. 10). The stronger the decrease, the lower is the
modulus. Reverting this reasoning, suppression of trans-
verse compression, again, appears to be an effective way to
harden the material.
The results of the HDPE/PA12 blends indicate that the
compatibilizer promotes more regular arrangement of the
HDPE crystallites, and macroscopically the modulus is
lowered. The observed moderate increase of the modulus
upon increase of the PA12 fraction is hardly reflected in the
nanostructure evolution. Thus, it is considered predomi-
nantly an effect of increased PA12 volume fraction but not
of nanostructural reinforcement.
With the HDPE/PA6 blend with 30% PA6 it cannot be
excluded that both the low modulus (Fig. 5) and the strong
decrease of DM (Fig. 10f) are related to less perfect ori-
entation (Fig. 7f) of the material during processing. The
addition of 10% compatibilizer has a homogenizing effect
on the longitudinal “lattice” inside the HDPE microfibrils
and results in a slight decrease of the modulus, but a pro-
longed linear region in the stress-strain curve. On the other
hand, the hard material without compatibilizer exhibits on
the nanoscale strong, stepwise increase of the distortions
of the longitudinal “lattice” (Fig. 10d, DL). The end of the
linear region in the stress-strain curve is at the beginning of
the last step.
HDPE/PA/nanoclay blends. With the HDPE/PA6/nano-
clay blends 4 samples show almost identical mechanical
behavior (Fig. 6). For them comparison to the nanostruc-
ture evolution shows εnano < ε . The material with the
2nd highest modulus exhibits εnano ≈ ε . With the highest-
modulus material both εnano > ε is found, and the initial in-
crease of the microfibril diameter, DM, is the highest. Thus,
again the hardness of the material appears to be primarily
controlled by the inhomogeneity of the nanostructure that
promotes a wedging together of the domains in transverse
direction, which is going along with suppression of trans-
verse contraction.
CONCLUSIONS
In this study the information increase by transformation
of SAXS patterns into CDFs is clearly demonstrated. By
means of the two proposed peak-fitting methods small vari-
ations of macroscopic elongation and nanostructure param-
eters are clearly resolved. In the discussion we have indi-
cated, how relations between properties and nanostructure
may be set up. Even though we have advanced the possibil-
ities to study the nanostructure evolution in thermoplastic
materials during tensile tests, the representativeness of the
results can only be estimated roughly. The method of fre-
quent repetition that is applied in mechanics is not practica-
ble, as long as the evaluation of the corresponding volumi-
nous 2D-SAXS data stays extremely laborious. Therefore
ideal materials for such studies feature high standardization
and precisely defined processing parameters.
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